Abstract-A polystyrene-aluminum joint, the adhesion of which was promoted by a silane coupling agent, was examined by fracturing the interface under water at different loads and temperatures. X-ray photoelectron spectroscopy (XPS) analysis of the fractured surfaces showed that the locus of failure was mainly interfacial at low loads, but it gradually moves away from the interface at higher loads. This movement of the failure locus re ects a transition of the mechanism of interfacial debonding from the hydrolysis of the siloxane bonds to the cleavage of the main polymer chains. A rate-dependent bond failure model qualitatively describes the above process, in which the activation energy of bond dissociation is assumed to be a time-dependent parameter.
INTRODUCTION
Polymer-metal joints are used in numerous industries. The advantages of adhesively-coupled polymer-metal junctions over the mechanical methods of assembly, such as riveting and bolting, include reduction of stress concentration near the holes used for mechanical fastening, reduction in weight, and the ability to join thin and/ or dissimilar materials [1] . However, one severe shortcoming with polymer-metal joints is the shortening of service life following exposure to water at elevated temperatures. Numerous studies [2 -5] document the adverse effects of water on adhesive joints. The locus of failure of well-prepared joints could change from cohesive mode in the adhesive layer to an apparent interfacial mode following such exposures. Concomitant with the change in the failure locus, the strength of the joint is also compromised.
The essential requirement for the durability of a polymer-metal joint is the strong interaction between the polymer and the metal surface. The interface must also be resistant to hydrolysis. A variety of techniques [6 -16] have been developed to improve the strength and durability of adhesive interfaces. These techniques range from simply degreasing a metal substrate in an alkaline solution to more complex chemical treatments of acid etching and anodization. Each of these pretreatments generates an oxide layer of unique thickness, roughness, topography, and stability. A stable oxide is important as it prevents or minimizes the hydrolysis. Roughness and topography provide an increase in the actual contact area over which interfacial interactions can occur. Therefore, careful selections of the type and quality of surface preparation are important prerequisites for long-term durability of polymer-metal joints.
The strength and durability of joints can also be enhanced using coupling agents [17] , which are designed to react with both the organic and its inorganic counterparts. Among various coupling agents, organofunctional silanes are the most common [18] . These silanes effectively combat the water ingress and subsequent hydrolysis by forming a hydrophobic organosilicate layer at the interface. Apart from these chemical approaches, reinforcement of the interface by mechanical interlocking is another useful method to improve strength and long-term durability of adhesive joints.
The fracture of a polymer-metal joint is a complex problem, which involves several molecular interactions and micromechanical processes. The interplay of mechanical deformation in polymer bulk and the strength of the interfacial bond determines the fracture resistance of the joints. Although the interfacial strength is only a small fraction of the measured joint strength, it is a very crucial part [19] . Most of the energy expended to propagate a crack is attributed to the dissipative processes occurring in the bulk of the materials. The general question of how the interfacial processes are coupled to energy dissipative processes is of considerable importance for a fundamental understanding of the molecular and the micromechanical processes that impart the strength and stability to the adhesive joints exposed to various environments.
In this research, we attempted to study the mechanisms involved in the environmental fracture of polymer-metal joints. A model system of a polystyrene block chemically-bonded to a thin lm of aluminum was chosen for this purpose, where the extent of bonding between the two materials was controlled by a silane coupling agent. The aluminum lm was peeled from polystyrene in water using dead loads at various temperatures. The delamination of the aluminum lm from polystyrene occurred slowly in water at loads well below those producing catastrophic failure of the joint. This slow delamination appears to result from the hydrolysis of interfacial siloxane bonds. As the magnitude of the applied load increases, the crack propagation is accompanied by scission of the polystyrene chains. This type of crack growth exhibits a rate-dependent behavior, which is examined within the framework of interfacial kinetics. The microscope used for monitoring the crack propagation was purchased from Optical Apparatus Co., and was equipped with a video camera (Sony, Model XC-75), a video monitor (Sony PVM-97), and a VCR (Sony, Model SVL-390). A translational stage (Melles Griot Co.) was used to ne-control both the vertical and horizontal movements of the sample holder. The hydrothermal peel test was carried out in a 4-l PYREX ® reaction kettle, enclosed in a heating mantle. An Omega-6100 temperature controller connected to the heating mantle controlled the water temperature in the kettle.
Modi cation of the aluminum surface
Three methods were used to prepare the aluminum lms for the adhesion studies: alkali detergent cleaning, chromic-sulfuric acid etching, and phosphoric acid anodization. The latter two techniques have previously been described by several investigators [7, 10, 11] . Here, only a brief description is given.
Alkali detergent cleaning.
A 3 wt% solution of Detergent 8 ® (Alconox, Inc.) in water was prepared, and placed in a sonicator. Aluminum foil (3.8 cm £ 7.6 cm) was immersed into the solution and sonicated for 30 min, after which it was rinsed copiously with deionized and distilled (DI) water and dried in air. The complete spreading of water on these surfaces served as an indicator of their cleanliness.
2.2.2.
Chromic-sulfuric acid etching. Aluminum foils (3.8 cm £ 7.6 cm) were immersed for 12 min in an aqueous sodium dichromate-sulfuric acid solution containing sodium dichromate (Na 2 Cr 2 O 7 ¢ 2H 2 O), sulfuric acid (H 2 SO 4 ), and water in a 1 : 10 : 30 ratio by weight. The temperature of the etching solution was maintained at 58 ± C. At the end of the etching process, the aluminum foils were thoroughly rinsed with DI water and then dried in air.
2.2.3.
Phosphoric acid anodizing. Aluminum strips (3.8 cm £ 7.6 cm) were clamped onto a specimen holder and immersed in a 10 wt% phosphoric acid electrolyte at room temperature. A constant anodizing current of 100 mA was then applied to the aluminum for 30 min, after which the aluminum lms were rinsed thoroughly with DI water and dried in air.
Preparation of the polystyrene / aluminum joints
Prior to the polymerization process, styrene monomer was passed through an inhibitor removal column in order to purify the monomer. A reaction mixture was prepared by mixing 24 g styrene monomer, 0.1 g AIBN initiator, and 5 ¹l of silane coupling agent (Z ® 6032) in a beaker and stirring the mixture thoroughly for 30 min. A rectangular mold (3.8 cm £ 7.6 cm) of Te on was clamped to the aluminum foil, and subsequently lled with the reaction mixture. The whole assembly was then placed into a glass Petri dish, and polymerized in an oven at 75 ± C for 8 h under nitrogen atmosphere in order to prevent any side reactions of the mixture with the surrounding air. Once the polymerization was completed, the specimen was slowly cooled to room temperature. The next day, the mold was removed and the polystyrene-aluminum joint was recovered for adhesion studies. The polystyrene resulting from the above polymerization scheme has the average molecular weight (M w ) of 343 000 and the glass transition temperature (T g ) of 99 ± C as determined by a dynamic mechanical analyzer (RDA-II, Rheometrics, Inc.). It should be mentioned that although silanes are usually applied onto a substrate by dipping the substrate into a dilute solution of silane or by casting a thin layer of silane on the substrate, we added the silane directly into the monomer solution that polymerized against aluminum. The strength of these joints exhibited superior reproducibility to those obtained by the former methods, perhaps because the amount of silane incorporated into polystyrene could be more accurately controlled. Furthermore, thorough mixing allows better distribution of silane within polystyrene.
Hydrothermal peel test
The hydrothermal peel test was carried out using the apparatus shown in Fig. 1 . After peeling part of the aluminum from the polystyrene in air, a dead load was hung from the free end of the aluminum foil. The entire assembly was immersed in water and rested on a sample support. A thermal jacket, equipped with a temperature controller, was used to maintain the temperature of water. After an induction period, which ranged from 2 to 24 h, the crack propagated at a rate determined by the applied load, which was monitored and analyzed with a video-microscopic technique.
The fracture energy of the interface (G) during the progressive delamination was calculated from the peel force per unit width (P ) according to the following equation:
where µ is the peel angle, which was xed at 90 ± in all these studies. The force acting on the aluminum lm was calculated from the dead load corrected for the buoyant forces in water.
Surface analysis
XPS analysis of the aluminum foils before and after delamination was performed on a SCIENTA ESCA-300 instrument. The exciting radiation of this instrument was provided by a monochromatic Al K ® X-ray source (hº D 1486:6 eV) operated at a constant power of 4.5 kW and pass energy of 300 eV. All spectra were taken at a 90 ± take-off angle. An electron ood gun was used to neutralize the surface charge of the specimen. Data analysis was performed for C 1s, N 1s, O 1s, Si 2p, and Al 2p peaks using SCIENTA's analysis software where the binding energy of each atom was referenced to the binding energy of C 1s (285 eV).
The surface topography of aluminum foils was examined using two techniques: scanning electron (SE) and transmission electron (TE) microscopies. A JOEL-6300 SEM microscope, operating at accelerating voltages of 3 -10 kV, was utilized to examine the topography of the oxide layer on aluminum foils. Transmission elec-tron microscopy was performed on a Philips-400 transmission electron microscope, operating at the accelerating voltage of 100 kV. The TEM specimens were prepared using an ultramicrotomy technique [20] where very thin sections (»40 nm) of aluminum foil were cut with a 45
± diamond knife at room temperature. Once cut, the sections were oated on DI water, and then were collected onto polymer supported grids.
RESULTS AND DISCUSSION

Topography of an aluminum surface after pretreatment
The pretreatment of the aluminum surface serves two main purposes, namely, eliminating the weak oxide layer and then replacing it with a fresh layer of unique surface morphology [9, 12] . SEM micrographs of the aluminum after surface treatment reveal that phosphoric acid anodization produces a ner oxide layer compared to those generated by chromic-sulfuric acid etching, and alkaline detergent cleaning. The latter two treatments, however, produce approximately the same level of surface roughness (Fig. 2) . The surface roughness of aluminum was estimated using the atomic force microscopy (AFM), from which the values of root mean square roughness (R rms ) of the as-received, detergent cleaned, acid etched and acid anodized aluminum were 14.2, 20.6, 18.3, and 23.3 nm respectively. These roughness values should, however, be treated as qualitative as they are in uenced by the AFM tip shape.
Although the above techniques provide topographic information of the oxide layer generated after treatment, little can be said about its thickness. The investigation of thin sections of the aluminum foils was carried out using a transmission electron microscope (TEM) [13] . TEM micrographs of the metal -oxide zone as shown in Fig. 2 reveal that the thickness of the oxide layers generated by sonication in detergent and acid etching are not signi cantly different from those of the as-received samples. The thickness of these layers as estimated from TEM micrographs ranges from 5 to 10 nm. In contrast, the oxide layer produced by anodization appears to have a well-organized structure [11, 16, 21] . The oxide layer shows evidence of cracking due to the cutting process. Nevertheless, the oxide layer of about 100 nm in thickness can be distinctly observed.
Mechanism of bonding of polystyrene to aluminum
Styrene monomers were polymerized directly on an aluminum thin lm in the presence of a small amount (5:3 £ 10 ¡3 -2:1 £ 10 ¡2 mol%) of styryl-functional silane coupling agent (Dow Corning Z ® 6032) dissolved in the monomer solution. Some of the silanes adsorb on and react with the aluminum surface via its alkoxy group as follows [22] :
The silane modi ed aluminum lm serves to graft polystyrene chains growing in the bulk by a free-radical process. The entanglement of these surface-grafted chains with the bulk matrix provides the strength of adhesion (Fig. 3) . The dry adhesion strength of the above polystyrene lm to aluminum is so good that cohesive fracture occurs in polystyrene when an attempt is made to peel the aluminum lm from polystyrene. When all the polystyrene homopolymer is removed from the aluminum lm by solvent extraction, a thin (10-30 nm) layer of polystyrene remains bonded to aluminum. When another polystyrene lm is fused against such an aluminum lm, spontaneous adhesion develops. A similar experiment with an unmodi ed aluminum lm produces only weak adhesion. The grafted polystyrene layer on aluminum (i.e. after solvent extraction) is thick enough to screen all the photoelectrons ejected from the aluminum lm in the XPS measurements. Ellipsometry was unsuitable to determine the exact thickness of such a grafted layer due to the roughness of the aluminum substrate. However, an equivalent experiment on a polished silicon wafer, which allowed ellipsometric measurements, yielded estimates of the layer thickness ranging from 10 to 35 nm as silane concentration in polystyrene increased from 0.005 to 0.13 mol% (Fig. 4) . Thickness of grafted polystyrene layer remaining on a polished silicon wafer after the homopolymer is removed by solvent (Toluene) extraction. The thickness at zero silane concentration represents the physisorbed layer of polystyrene adsorbed onto silicon wafer. As the amount of silane incorporated in polystyrene increases, the thickness of the surface grafted polystyrene layer increases.
Locus of bond failure
There is a distinct difference between the mode of bond failure when the joint is fractured in air or in water. The optical micrograph of the polystyrene surface after fracture in air reveals features of high surface roughness compared to the rather smooth surface resulting from fracture under water (Fig. 5) . An examination of the aluminum surface after fracture in air reveals the presence of a thin layer of polystyrene on the aluminum foil, indicating that cohesive fracture occurs within the polymer. However, when the joint is fractured under water no lm of polymer is visually observed except at high crack propagation speeds. The polystyrene side, on the other hand, exhibited interferometric colors when it was suitably oriented toward a light source. Quantitative analysis of the locus of bond failure was carried out using XPS by determining the elements present on the aluminum foil, which include C 1s, N 1s, O 1s, Si 2p, and Al 2p. The relative composition of carbon (C 1s) and aluminum (Al 2p) are shown in Fig. 6 . The initial concentration of carbon present on the aluminum prior to bonding with polystyrene is about 14%. After the aluminum foil is delaminated from polystyrene, the concentration of carbon increases, indicating that some polymer is transferred onto aluminum during delamination. The amount of carbon also increases as the fracture energy (G) increases. On the other hand, the concentration of aluminum from Al 2p peak decreases with G. At the highest value of G, the aluminum surface is almost completely covered with polymer as indicated by only a small amount of aluminum detected in the XPS spectrum. These results strongly suggest that the crack propagates in very close proximity to the polystyrene-aluminum interface at low values of G, whereas it de ects away from the interface as G increases. Since a signi cant amount of the aluminum is present at intermediate values of G, it can be Figure 6 . The concentration of carbon (C 1s-peak) remaining on the aluminum lm after hydrothermal peel tests increases with the fracture energy, while that of aluminum (Al 2p peak) decreases. This indicates that the crack propagates close to the interface at low fracture energy. As the fracture energy increases, the crack locus moves away from the interface toward the bulk of polystyrene. The true cohesive failure is achieved only when the fracture takes place under dry peel condition. In this limit, a complete coverage of aluminum by carbon suggests that the layer of polystyrene left on the aluminum surface is thick enough to shield the aluminum from being detected by the XPS.
inferred that the crack is not entirely in the bulk of the polymer; rather it is restricted very close to the interface. XPS analysis of polystyrene side shows no remnants of aluminum, con rming that the cohesive failure does not occur within the oxide layer present on aluminum.
Mechanism underlying the fracture of polystyrene -aluminum joint
The various processes underlying the fracture of the polystyrene-aluminum joint can be attributed to two primary mechanisms: bond cleavage at or near the interface and an inelastic deformation in the bulk of polystyrene (Fig. 7) . The inelastic deformation of aluminum lm seems to make a negligible contribution to the overall fracture process (see Appendix).
It is well known that for glassy polymers, the energy required to propagate a crack goes mainly into the growth of a craze at the crack tip. Brown [24] developed a model for the craze-dominated fracture in glassy polymers, according to which the fracture energy is proportional to the square of the interfacial stress (¾ o ), i.e. where D is the diameter of craze bril,¸c raze is the craze extension ratio, S is the crazing stress, and E 1 and E 2 are the tensile moduli of the craze in the direction normal and parallel to the craze bril, respectively. Using the typical literature values of S D 55 MPa,¸c raze D 3, D D 9 nm, and E 1 =E 2 D 0:0576 as obtained from Refs [24] to [26] , one nds that the fracture energy (G) varies with ¾ o as follows:
where the units of G and ¾ o are J/m 2 and N /m 2 , respectively. We extend the general features of Brown's model to the polystyrene-metal interface with the understanding that the interfacial stress (¾ o ) is determined by the number of polystyrene chains grafted onto aluminum. The load sustained by each chain, in turn, is determined either by the hydrolysis of the Al O Si bond and/or the non-hydrolytic cleavage of the Al O Si or C C bonds, e.g.
(1) hydrolysis of the Al O Si bond
(2) non-hydrolytic cleavage of the Al O Si bond
(3) cleavage of the C C bond
When a crack propagates at an extremely slow rate, one expects hydrolysis to be the dominant mechanism of bond cleavage. At fast rate of propagation, nonhydrolytic bond cleavage could dominate the fracture process. Experimentally, it is found that crack paths at high crack growth velocities shift away from the interface suggesting that the C C bond breaking becomes the dominant mechanism. The cause of this shift of bond cleavage mode could be that water is not able to reach the interface fast enough to cause hydrolysis or that the internal energy states of the Al O Si bond are collimated toward non-hydrolytic cleavage by the external force. In any event, when the Al O Si bond ceases to hydrolyze, the fracture path is accompanied with substantial amount of C C bond cleavage.
At present, however, we do not have a way to opt for either the migration of water or the equilibration of internal states as the mechanism for the change of failure locus. We thus describe this shift empirically by assuming a time-dependent activation energy of the process as follows [27] :
where E a1 is the activation energy of bond hydrolysis, E a2 is the activation energy of non-hydrolytic bond cleavage, and ¿ is the characteristic relaxation time of shifting from one (bond hydrolysis) to the other (bond scission) mode of the fracture process. The above concept of time dependent activation on bond cleavage, when incorporated into a standard model of thermo-mechanically activated bond dissociation kinetics, allows us to calculate the average time (t max ) of survival of a polymer chain adhering to the metal substrate. Since a stress (¾ o ) applied at the interface causes the number of interfacial bonds to steadily decrease with time, the bond breaking process is accelerated due to an increase in the average load sustained by an anchoring site. A detailed kinetic analysis shows that the bonds start failing at a catastrophic rate when a critical time (t max ) is reached. The characteristic distance between the bonding sites divided by this critical time allows estimation of the velocity of crack propagation as a function of the interfacial stress (¾ o ). Substitution of this ¾ o in equation (4) allows estimation of the total fracture energy (G). We thus have a way to calculate how G varies with the crack propagation velocity (V ).
Bond dissociation kinetics
According to the kinetic theory of bond dissociation [28] , an external force reduces the activation energy of a bond by an amount f¸, where f is the force acting on the bond and¸is its activation length. The rate of bond dissociation is described as follows:
where 6 is the areal density of the bonded sites, k is the Boltzmann constant, and T is the absolute temperature. The rate constant of bond breaking (k off ) may be expressed as: where h is the Planck's constant and E a .t/ is the time-dependent activation energy of bond dissociation as shown in equation (8) . Under a constant applied stress (¾ o ), the number of anchoring sites decreases with time; thus, the force acting on the bond increases according to:
The rate of dissociation of interfacial bonds is thus expressed as follows:
In describing the bond dissociation kinetics, we have neglected the rate at which the bonds are re-formed. This assumption is justi able for polymers as described in Ref. [32] . Equation (12) can be expressed in terms of a dimensionless parameter Á, which is the fraction of chains in the bonded state, i.e. Á D 6=6 o .
where 6 o is the areal chain density of the bonded chains at the interface at t D 0, and
The solution of equation (13) gives the distribution of chains as a function of time (Fig. 8) .
As shown in Fig. 8 , Á remains nearly constant as time increases but rapidly decreases after a certain amount of time. When f o¸= Á approaches the value of the activation energy E a .t /, the barrier of bond dissociation vanishes. The maximum time (t max ) of survival of the bond is obtained from the solution of equation (13) by estimating the time taken for Á to decrease from unity to f o¸= E a .t /. The velocity of crack propagation (V ) is obtained by dividing the characteristic distance between the anchoring sites ( 6 ¡1=2 o ) by t max , i.e.
Equation (12), upon which the analysis of crack propagation is based, considers that the crack growth follows a thermally activated process. In order to verify the validity of the above consideration (numerous experiments in other systems [28] [29] [30] [31] [32] [33] clearly show this to be true in general), we have conducted peel tests on the polystyrene-aluminum joints under water at different temperatures by applying different amounts of peel loads. The results are summarized in Fig. 9 . At each load, the crack velocity increased with temperature following an Arrhenius form (i.e. ln.V / T ¡1 ), thus con rming the validity of our assumption, namely, that the crack growth is thermally activated and mechanically assisted [34] .
We now examine the relationship between the fracture energy (G) and the crack growth velocity (V ) by solving equations (8) and (13) using the following parameters. The activation energy of bond hydrolysis is taken to be »50 kJ/mol, which is the typical activation energy of the hydrolysis of a siloxane bond [35] . The activation energy of the C C bond cleavage is taken to be 337 kJ/mol [30] . The bond activation length (¸) is typically about 0.1 nm, as discussed in Ref. [32] . The adjustable parameters in the simulation are the number density (6 o ) of the anchoring sites at the interface and the relaxation time (¿ ). The value of 6 o required to describe the experimental results is found to be 1:45 £ 10 17 / m 2 , which is reasonably close to the values of areal chain density reported in the literature [24, 36] . The simulation protocol is as follows. At a given temperature (T D 298 K), the bond survival time (t max ) is obtained by estimating the time required for Á to decrease from unity to f o¸= E a .t / corresponding to a speci c value of ¾ o (and thus f o ). The choice of the value of ¾ o allows estimation of G from equation (4) . The corresponding crack growth velocity is obtained from equation (14) . The procedures are repeated at different values of ¿ to obtain the G vs V curves, which are then compared with the experimental data. Two types of data are analyzed here. In one, the aluminum is peeled from the polystyrene at room temperature in air, which leads to a cohesive failure in the polymer. Fracture energy here is primarily controlled by the scission of the C C bond, and shows very little dependence on the rate of crack growth velocity. The other set of data is obtained by peeling the joint under water, in which the fracture energy depends signi cantly on the crack growth rate owing to the transition from bond hydrolysis to cleavage. Figure 10 shows the fracture energies as estimated using equations (13) and (4) and those obtained experimentally. As expected, an increase in the value of ¿ results in the shift of the G -V curve toward direction of dry peeling (E). In the absence of hydrolysis, i.e. ¿ D 1, the simulation corresponds to the peeling under dry condition, whereas the value of ¿ needed to t the experimental result for hydrothermal peel (F) is about 2.3 ms. This is a rather long relaxation time, indicating that ¿ is related, at least partially, to a molecular rearrangement process. This conjecture gains some support from the results obtained with the variation of the coupling agent concentration in polystyrene. (4)); E and F represent experimental data obtained in dry peel and hydrothermal peel with detergent-cleaned aluminum lms, respectively. As the value of ¿ increases, the G -V curve shifts toward dry peeling.
Fracture energy (G) as a function of crack propagation velocity (V)
Effect of silane concentration
The effect of silane concentration on the crack propagation dynamics was studied by varying the amount of silane in the bulk of polystyrene. The experimental observations show that a linear increase in the silane concentration affects the hydrolytic stability of the interface in a non-linear way such that an increase of silane concentration beyond 4:2£10 ¡2 mol% dramatically enhances the interaction within the network and the crack stops growing. Based on the amount of silane coupling agent and monomer used in the formation of the interface, a 5-¹l addition of silane in 24 g monomer (5:3 £ 10 ¡3 mol%) yields 1:2 £ 10 ¡5 mol of silane anchoring sites. The polymerization of this monomer solution also results in 7 £ 10 ¡5 mol of polystyrene of the average molecular weight M w D 343 000. Thus, the ratio of polystyrene to silane molecules is 5.8, suggesting that, on average, less than one silane molecule is attached to a polymer chain. Thus, each of Al O Si bonds formed at the interface is so spaced out such that a successive crack propagation can be achieved by breaking each of the bonds independently (Fig. 11) . As the silane concentration increases, more silanol groups are available to form Al O Si bonds at the interface, and hence increase the probability that they can interact and form a 2D network of Si O Si bonds. Consequently, crack propagation in this case requires simultaneously breaking multiple bonds in a cooperative manner.
The fracture energy vs. crack propagation velocity at different silane concentrations is shown in Fig. 12 . At low velocities where chain hydrolysis predominates, there is a difference in the fracture energy as a function of silane concentration. At high velocities where chain scission predominates, the fracture energy is almost independent of silane concentration. A two-fold increase in silane concentration results in approximately twice the value of ¿ needed to t the experimental data. This may be attributed to the multiple bonding of silane molecules to a polymer chain, leading to an increase in intermolecular interaction and a decrease in chain mobility, which, in turn, affects the transition from one mode of bond failure to the other. Although the current model provides reasonable results in comparison to the experimental data, it does not explain why the value of 6 o should remain the same as the silane concentration increases. Perhaps, a better outlook of the process is as follows. When hydrolysis dominates the fracture process, the interfacial stress is supported by the number of anchoring sites (i.e. Al O Si bond) at the interface. This number depends on the concentration of silane as evident from the difference in fracture energy at low crack propagation rates. At higher rates of crack propagation, as the fracture path moves away from the interface, the interfacial stress is supported by the entangled polystyrene chains. This conjecture is consistent with the observation that the fracture energies of the polymer/ metal joints all converge to the same value at high crack propagation rates, independent of the silane concentration. This transition from the hydrolysis-controlled interfacial failure to the C C scission controlled cohesive failure suggests that the initial density of the load bearing sites (i.e. 6 o ) itself depends on the locus of failure. Proper description of the transition of the failure locus therefore would require, at least, two relaxation schemes -one describing the transition from the bond hydrolysis to bond scission and the other accounting for the transition of the number of load bearing sites. At present, both of these relaxation processes are lumped into one ¿ .
In addition to above complexities, the assumption of rst-order kinetics for bond breaking may no longer remain valid for higher silane concentration cases due to the formation of a 2D network, which, in turn, affects the kinetics of bond breaking. Thus, the rate of bond dissociation, as expressed in equation (9) , needs to be modi ed with a suitable order of reaction which has to be determined experimentally.
Effect of surface treatment of aluminum surface
The G -V curves for various surface treatments of aluminum are compared in Fig. 13 . For hydrothermal peeling, the fracture energy, G, obtained from both the detergent cleaned and acid etched surfaces show different values at a given V in the low velocity range. However, based on the knowledge of the topography of the aluminum surfaces following acid etching and detergent cleaning, one might expect that the difference is small due to a similar nature of the oxide layer present on the aluminum surfaces. The G -V curves of these two cases are, indeed, not signi cantly different, the difference being somewhat pronounced in the low velocity range. As the crack growth velocity increases, the fracture energy of both cases merge to the same plateau. The values of ¿ needed to t the experimental data for these two cases differ roughly by a factor of two, 1.3 ms for etched and 2.3 ms for detergent cleaned surface, respectively. For acid anodized aluminum, whose oxide layer contains well-developed structures of a very ne length scale, the joint does not fracture when it is subjected to similar hydrothermal peel tests. Furthermore, after several days of immersion of the anodized joint, the aluminum corrodes. Thus, for the acid anodized case, the joint could only be fractured under dry condition, which limits the effective mechanism of bond failure to nonhydrolytic bond cleavage. The fracture energy of dry peeling for detergent and acid anodized cases shows very little velocity-dependence, which is in agreement with the results obtained from the numerical calculation in the limit of ¿ D 1, i.e. in the absence of hydrolysis.
CONCLUDING REMARKS
A strong adhesion develops between polystyrene and aluminum when styrene is polymerized onto aluminum in the presence of a silane coupling agent. The same joint weakens considerably when exposed to water. The load and temperaturedependent fracture of these bonds in water follows the Arrhenius behavior as evident in the linearity between the logarithm of crack growth rate and the inverse temperature. At low loads, fracture locus is very close to the interface whereas it shifts toward the bulk at higher loads. This transition of bond failure locus can be modeled within the framework of interfacial kinetics, in which the activation energy of the process is assumed to be time dependent, re ecting the transition of bond failure mechanism from the hydrolysis of the siloxane bonds to the cleavage of the main polymer chains. Although the model empirically describes the experimental data rather well, the precise origins of the relaxation processes are not well understood. Future studies will be directed toward understanding the detailed nature of the interfacial relaxation processes.
APPENDIX
Estimation of the energy contributed to plastic yielding of an aluminum strip
Even though the energy of plastic deformation in the polymer constitutes a large portion of the fracture energy of the interface, a small, albeit negligible, contribution to plastic yielding arises due to the deformation of aluminum strip. The contribution of plastic yielding of the aluminum strip to the fracture energy was estimated using Gent's method [37] . For a 90 ± peel test (Fig. A1 ), the energy contributed to plastic yielding of aluminum strip can be expressed as:
where P y is the energy contribution due to plastic yielding on aluminum strip, ¾ y is the yield stress of the aluminum foil (1:77 £ 10 8 N /m 2 ), T s is the foil thickness, and R is the radius of curvature of the aluminum strip being peeled, which is inversely proportional to the peel load.
The energy contribution of plastic yielding in the aluminum strip was determined by measuring the radius of curvature of aluminum strip at the end of the peel test after allowing its elastic recovery, and calculating the value of P y according to equation (A1). Although most of the peel tests in our study were done under hydrothermal condition, the estimation for the dry peel case represents the upper limit of P y as the aluminum strips under dry peel condition bend more severely than those peeled under water. As shown in Table A1 , an insigni cant fraction of the fracture energy (1.2-1.4%) is contributed by the plastic yielding in the aluminum strip.
